Introduction
It is well known that hot-rolled microalloyed steels derive their overall strength from different strengthening mechanisms that simultaneously operate, such as: solid solution strengthening, hardening by the grain size refinement, precipitation strengthening and transformation induced dislocation strengthening [1] . Precipitation of fine carbonitride particles during thermomechanical processing has been used for many years to improve the mechanical properties of the microalloyed steels, where very small amounts (usually below 0.1 wt%) of strong carbide and nitride forming elements such as niobium, titanium and/or vanadium are added for grain refinement and precipitation strengthening. Both grain refinement and precipitation strengthening in microalloyed steels depend upon the formation of fine carbonitride particles, of about 10 nm or less in diameter, which may form in austenite during hot rolling, along the γ/α interface during the austenite to ferrite transformation ( interphase precipitation), or as semicoherent particles in ferrite during final cooling. Each one of these basic precipitation modes will lead to its own characteristic particle distribution, and to generally different effects on steel properties [2] . First systematic investigations on microalloyed steels were carried out in the early sixties at the University of Sheffield [3, 4] , including initial observations of carbonitride particles by transmission electron microscopy (TEM). According to the early literature on niobium steels yield strength contribution of about 100 MNm -2 could be obtained in the as rolled condition due to the presence of fine carbonitride particles, which were observable in the TEM [5] . Even larger contributions of up to 200 MNm -2 were reported for niobium/vanadium [6] and titanium steels [7] . In principle, these experimental results appeared to be in good agreement with theoretical predictions, based upon the Orowan-Ashby model of precipitation strengthening with carbonitride particles of about 3 nm in diameter [7, 8] .
The most of the early results cited above were obtained by the observation in TEM of the carbonitride particles but did not determine the origin of the observed carbonitrides [9] . It was only later that electron diffraction methods were employed to distinguish unequivocally between the three modes of carbonitride precipitation [10] , and the importance of carbonitride formation in ferrite for the effectiveness of the precipitation www.intechopen.com Alloy Steel -Properties and Use 54 strengthening mechanism was generally realized [11] . Today, most authors agree that a significant strengthening effect can only be obtained when carbonitride particles precipitate semicoherently in the ferrite phase [12] , and that such precipitation will be particularly effective in the case of hot strip products where a combination of shorter rolling times, higher finishing temperatures, and rapid cooling rates after rolling should cause a larger amount of microalloying elements to remain in solution before coiling [13] . Then, a larger volume fraction of very fine particles will thus be available for a more efficient precipitation strengthening during final cooling of the coil. However, no ferrite-nucleated carbonitride particles were found in commercial Nb, NbTi and NbTiV microalloyed steels processed under industrial conditions on a hot strip mill [9, [14] [15] [16] . Besides, it was demonstrated that all precipitation strengthening will be provided by carbonitrides particles which have nucleated in austenite during finish rolling, or by interphase precipitation nucleated during the  transformation. The contribution of dislocation strengthening has been usually neglected in these hot strip steels because of their polygonal ferrite microstructure. In this sense, relatively high dislocation densities were found in hot strip microalloyed steels with higher carbon and manganese contents, although the microstructure had remained polygonal ferrite + pearlite [15] .
It should be realized that many of the results which are presented in the literature have been derived from laboratory tests and processing. The characteristic hot strip processing conditions during finish rolling (high strain rates and short interpass times), however, are difficult to simulate in the laboratory [16] . It is therefore important to study the effects of hot strip rolling in industrially processed materials in order to verify whether real results conform to generally accepted expectations.
Origin of carbonitrides and strengthening mechanisms in commercial hot strip microalloyed steels

Nb microalloyed steel
A first study was carried out on commercial hot strip steel where niobium was the only microalloy element with the following chemical composition: 0.07% C, 0.014% Si, 0.68% Mn, 0.035% Al, 0.04% Nb, 0.0096% N and rest of Fe [14] . The processing parameters of industrial hot strip rolling were: Soaking temperature-1150 ºC, finish rolling start temperature-1080 ºC, finish rolling end temperature-890 ºC, cooling rate-10 ºC/s, coiling temperature-650 ºC and final thickness 10 mm.
In austenite, at roughing temperature, the carbonitrides nucleate preferentially on the grain boundaries where simultaneously are occurring the recrystallization processes. During the finish rolling at low temperatures also occurs an extensive precipitation of fine carbonitrides on subgrain boundaries, suggesting that they have nucleated in deformed (unrecrystallised) austenite, although the carbonitrides can also choose the -boundaries as suitable places for nucleation showed in the TEM images by its aligned distribution. Figure 1a shows the extensive precipitation in austenite during the finish rolling (TEM dark field image). The diffraction pattern in this Figure indicates the position of the objective aperture which was used for the dark field illumination of carbonitrides. As can be appreciated, the position of the carbonitride reflection (showed by the aperture objective position) not obeys the BakerNutting orientation relationship with respect to the surrounding ferrite, Figure 1b . Thus, the distribution of fine carbonitrides (~10 nm in diameter) decorating the previous subgrain boundaries and not obeying the Baker-Nutting orientation relationship with ferrite suggests that the above precipitation occurred in the austenite phase at finish rolling temperatures where a high plastic deformation has taken place in the microalloyed steel. [14] .
No carbonitrides were found that could have formed from supersaturated ferrite after the phase transformation. On the other hand, clear evidence for the presence of interphase precipitation in the form of row formation (obeying only one variant of the Baker-Nutting orientation relationship) was detected on a coarse scale (not very different from the precipitation in austenite) in only two grains of the twenty grains carefully observed at TEM, Figure 2 . Interphase precipitation has been associated previously with a very high strengthening potential [17, 18] , generating yield strengths of more than 600 MPa in a hightitanium steels after isothermal transformations [17] . Fig. 2 . Interphase precipitation in Nb microalloyed steel [15] .
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A normalising treatment at 900 ºC during 30 minutes was conducted in the as coiled samples in order to verify if very fine precipitation had occurred in ferrite during coiling. In this sense, when very fine carbonitrides precipitate semicoherently in ferrite, a higher yield strength in the as rolled and coiled product is manifested, while particle coarsening and loss of particle coherence should lead to a lower yield strength after normalising. Test results indicated yield strength of 310 MPa and 312 MPa before and after the normalising treatment respectively, confirming the absence of fine scale carbonitride precipitation in ferrite during the final cooling and coiling.
According to the literature, a base value for the yield strength which includes the effects of solid solution and grain size hardening can be determined from the well-known structureproperty relationship for low carbon steels, originally developed by Pickering and Gladman [19] : 
where the (%Mn), (%Si) and (%N f ) are the weight percentages of manganese, silicon and free nitrogen dissolved in ferrite, and d is the ferrite grain size in millimeters. The weight percent of free nitrogen that remain in solution was calculated for this microalloyed steel. It resulted to be: 0.0025% [14] .
Thus, the additional contributions from dislocations and precipitation strengthening can conveniently be estimated by subtracting the base value from the total yield strength as determined by tensile testing. The results are shown in Table 1 The results showed in Table 1 give an additional strengthening contribution of about 60 MPa. According to Gladman et al. [7] , the Orowan-Ashby model of precipitation strengthening can be expressed quantitatively (in MPa) as:
where  represent the precipitation strengthening increment in MPa, f is the precipitate volume fraction and D the mean particle diameter in micrometers. The application of equation (2) to the austenite precipitation gave as result an additional strengthening increment of about 65 MPa. This value seems to agree with the above difference between the measured and calculated yield strength. Quantitative estimates from several grains where the foil thickness has been measured by counting the number of grain boundary fringes under two-beam contrast conditions indicated an average dislocation density of about 10 8 cm -2 for this Nb microalloyed steel. According to the early literature [20] , dislocation strengthening can be quantified by:
where  is the dislocation contribution to yield strength, m the appropriate Taylor factor for polycrystals, a geometrical factor that depends upon the type of dislocation interaction, μ the shear modulus (82,300 MPa for ferrite), b the dislocation Burgers vector (0.25 nm in ferrite), and  the measured dislocation density. A value of m = 0.38 has been determined experimentally for pure iron [21] . Alternatively, theoretical values of m= 2.733 for bcc crystals [22] and of =1/2 for dislocation forest cutting [23] would give a slightly higher estimate of m =0.435. Selecting m =0.4 as an intermediate value [15] , a dislocation density of 10 8 cm -2 would contribute with 8 MPa to the strength of the Nb microalloyed steel, which would be considered negligible. As the interphase precipitation has only occurred in a very small fraction of the grains (two of the twenty) and in a coarse scale, their influence on the yield strength is also negligible [14] .
NbTi microalloyed steel
New results were obtained from another commercial NbTi microalloyed hot strip steel [15] , which reached a yield strength of 534 MPa and, according to expectations, lost part of that strength during normalizing. A Nb steel, (above referred) which only reached 310 MPa and maintained that strength after normalizing, was used as a reference material. Chemical compositions and industrial processing conditions of this NbTi steel are shown in Tables 2  and 3 . Part of the material was normalized at 900 ºC for 30 minutes. Optical and electron microscopy were used to study the microstructure, and yield strength values before and after normalizing were determined as the average of five tensile tests. 
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The NbTi steel exhibited the smaller ferrite grain size than the Nb steel, presumably due to its higher carbon and manganese contents, which should have decreased the transformation temperature. Quantitative metallography, yield strength measurements, and structureproperty relationships were used for a quantitative estimate of different strengthening contributions [15] . To begin with, the well-known empirical equation (1) Table 4 . The difference between calculated and measured strength is usually attributed to some additional strengthening mechanism such as carbonitride precipitation or substructure strengthening. The important point in Table 4 is the very large additional strengthening of 177 MPa in the case of the NbTi steel, which was reduced to 69 MPa after normalizing [15] . Table 4 . Comparison between yield strength predictions from equation (1) and the results of tensile testing, [15] .
Fine carbonitride precipitation was identified in all of the observed grains (twenty) at TEM, but orientation relationships determined from electron diffraction showed that these particles had nucleated in austenite [15] . In addition, carbonitride distributions appeared to be very similar to the distributions observed in a previous investigated steel [9] . In that case, quantitative metallography and the application of the Orowan-Ashby model of precipitation strengthening had indicated a strengthening contribution of about 60 to 80 MPa for carbonitride particles formed in austenite, in good agreement with the additional strengthening shown in Table 1 for the Nb steel and also for the NbTi steel after normalizing, as it is shown in Table 4 .
As in the previous investigations, [9, 14] no carbonitrides were found that could have formed from supersaturated ferrite after the phase transformation. On the other hand, clear evidence for the presence of interphase precipitation in the form of row formation [15] was detected in this steel ( Figure 3 ). It is apparent; from a comparison between Figures 2 and 3 that interphase precipitation occurred on a much finer scale and thus should have contributed to strength in the case of the NbTi steel. However, interphase precipitation seemed to occur not very frequently because it was also encountered in only two grains in this steel. On the other hand, the visibility of TEM diffraction contrast from very fine carbonitride particles may require closely controlled sample orientations, which may not have been established in all the ferrite grains under observation for this NbTi microalloyed steel [15] . Fig. 3 . Interphase precipitation in microalloyed steel [15] .
As a first approximation, if it is assumed that about one-half of the total microalloy addition would be available for fine-scale carbonitride precipitation during thermo-mechanical processing [9, 15] and applying the Orowan-Ashby model, a maximum strengthening contribution of 195 MPa could be predicted for the interphase precipitation of the NbTi steel shown in Figure 3 , based upon a particle size of 2.0 nm and a volume fraction of 8x10 -4 . If interphase precipitation had occurred in only 25 pct of the ferrite grains, a simple rule of mixtures would thus suggest a strengthening contribution of about 50 MPa in the case of the NbTi steel [15] .
Another strengthening contribution could come from the presence of dislocations. In fact, dislocation densities were always higher in the NbTi steel, which again can be explained by its lower transformation temperature in comparison with the Nb steel. Quantitative estimates from several grains where the foil thickness had been measured by counting the number of grain boundary fringes under two-beam contrast conditions indicated an average dislocation density of 5x10 9 cm -2 for the NbTi steel [15] . Such numbers are in reasonable agreement with previous measurements of dislocation densities in microalloyed steels [24] and confirm the possibility of a transformation-induced dislocation substructure even in the case of polygonal ferrite grains.
According to Eq. (3), a strengthening contribution of 58 MPa due to the dislocation substructure of the NbTi microalloyed steel was obtained. Thus, in the case of the NbTi steel, the individual strengthening contributions from general precipitation in austenite (~70 MPa), localized interphase precipitation (~50 MPa), and dislocation substructure (~60 MPa) would add to a total of 180 MPa, a value which compares very favorably with the additional strengthening contribution found for the NbTi steel [15] in Table 4 . During normalising, coarsening of fine interphase precipitate distributions and elimination of the dislocation substructure (which would not form again during air cooling due to a higher transformation temperature) can be expected to reduce the strengthening level to the contribution of austenite precipitation alone (69 MPa according to Table 4 ). This later strengthening contribution should survive the effect of normalizing because the formation of carbonitride particles during finish rolling occurs within the range of typical normalizing temperatures [15] . In the case of the previous Nb steel, a higher transformation temperature before coiling would leave the carbonitride precipitation in austenite as the only strengthening mechanism before and after normalizing.
Another NbTi and NbTiV microalloyed steels
Strength and microstructures of three new commercial microalloyed steels were investigated as a function of their chemical compositions. They were compared with the above two microalloyed steels [16] . As a common feature, all five steels had been hot rolled under similar thermomechanical processing conditions on an industrial hot strip mill, and each of them exhibited a polygonal ferrite+ pearlite microstructure. In contrast, carbon and manganese contents ranged from 0.05 wt.% to 0.14 wt.% C and from 0.5 wt % to 1.5 wt.% Mn, respectively, and microalloyed additions included pure Nb, Nb-Ti, and Nb-Ti-V combinations. Chemical compositions are shown in Table 5 , together with maximum total volume fractions (V f max ) for carbonitride precipitation which were calculated assuming appropriated lattice parameters of 0.445, 0.430 and 0.415 nm for the fcc unit cell of niobium, titanium and vanadium carbonitrides, respectively [16] . Table 5 . Steel compositions (wt %) and maximum total volume fraction for carbonitride precipitation [16] .
Thermomechanical processing conditions are given in Table 6 , confirming rather similar processing parameters for all the steels, with the exception of steel NbTiV which was rolled to smaller thickness of 3 mm. The last column in Table 6 shows the yield strength after coiling. Two distinct strength levels can be recognized: Low yield strength values in the range of 300 MPa for steels Nb and NbTi-1, and significantly higher yield strength values in the range of 500 to 600 MPa for steels NbTi-2, NbTi-3 and NbTiV [16] . Table 6 . Thermomechanical processing conditions and yield strength after coiling [16] .
Steel
As it is shown in [16] , all steels had transformed to polygonal ferrite+ pearlite. The ferrite grain size decreased from about 10 µm (average diameter) for low strength alloys Nb and NbTi-1, to 5 µm and below for high strength steels NbTi-2, NbTi-3 and NbTiV. Such grain refinement can be related to lower transformation temperatures caused by larger carbon and manganese additions to higher strength materials. Table 7 shows the additional contributions from dislocations and precipitation strengthening by subtracting the base value obtained by Eq. (1) from the total yield strength as determined by tensile testing [16] . The results showed in Table 7 , ranging from low additional strengthening contributions below 100 MPa for steels Nb and NbTi-1 to much larger additional strengthening contributions between 150 and 250 MPa for steels NbTi-2, NbTi-3 and NbTiV.
Very low dislocations densities were found in the low strength alloy, with quantitative estimates remaining at about 10 8 cm -2 which would be typical value for well annealed ferrite steel. On the other hand, distinctly higher dislocation densities in the range of 10 9 to 10 10 cm -2 were encountered in the high strength steels [16] . Such an increase in dislocation density may also be related to lower transformation temperatures, and a sizeable contribution to yield strength may thus be expected to come from transformationinduced dislocations even in the case of polygonal ferrite microstructures. According to the Keh equation [15, 25] , this contribution could reach about 50 MPa for dislocation densities in the range of 5x10 9 cm -2 .
In the above steels, two different modes of fine carbonitride precipitation were detected in the as-coiled samples: Precipitation on the deformation-induced dislocation substructure in austenite, and interphase precipitation where carbonitrides had nucleated on the  interface during transformation. Carbonitride precipitation in austenite was identified by electron diffraction and was found to be present in all the grains investigated. Mean particle diameters were observed to increase in proportion with the maximum theoretical precipitate volume fraction [16] . Table 7 . Calculation of base yield strength, , and of additional strengthening from dislocations and precipitation,  [16] .
Interphase precipitation was detected in only a small number of grains, but in most of these observations was recognized through row formation. This mode of carbonitride precipitation may have occurred in other grains as well. Preliminary measurements indicated that mean particle diameters of about 2 nm were associated with the smaller sheet spacing, but reached 5 nm in other samples where the sheet spacing were larger. On one occasion, both larger and smaller sheet spacings were present in the same ferrite grain which probably had transformed during cooling through an extended temperature interval [16] . Quantitative estimates of interphase particles volume fraction gave 3.5x10 -4 in NbTi-2 steel, 4.9x10 -4 in Nb steel, and 7.8x10 -4 in NbTi-3 steel [16] .
An Orowan-Ashby analysis showed strengthening contributions of about 60 to 100 MPa from particle volume fractions in austenite in the range of 10 -4 as a function of the particle diameter [16] . Local strengthening contributions from practical interphase precipitation phenomena would reach 110 to 180 MPa. But it must be remembered that interphase precipitation does not seem to occur in all the ferrite grains, so that its effective contribution would be reduced through some sort of rule of mixture. It thus appears that carbonitrides nucleated in austenite do make a sizeable contribution to the steel's yield strength [16] .
For a more realistic estimate of the strengthening potential of interphase precipitation in commercial microalloyed steels, it is therefore important to find out more about its heterogeneous particle distributions. This has been the principal objective of the investigation showed in [26] . In order to investigate the influence on the overall strengthening in hot strip microalloyed steels due to the interphase precipitation, three commercial hot strip steels (Nb steel, NbTi-2 and NbTi-3 steels) containing different additions of niobium and titanium were selected [26] .
Steel selection was based on the following arguments:
1. Different levels of microalloy additions were expected to vary the total amount of carbonitride precipitation. In particular, real volume fractions and the average particle size of interphase carbonitrides were expected to increase for larger values of V fmax . 2. Different base compositions, with particular attention to carbon and manganese contents, were supposed to modify the transformation temperature and, as a consequence, to change mean spacings of the interphase precipitation sheets [27] . 3. Thermomechanical processing conditions were desired to be similar, as it is shown in Table 6 .
The difference between predicted values,  y , using Eq. (1), and experimental data derived from tensile testing can then be related quantitatively to the presence of additional strengthening mechanisms, as shown in Table 8 . Table 8 . Yield strength and additional strengthening contributions from equation (1) in the as coiled and after normalising conditions [26] .
Several points should be emphasized:
1. A significant part of the differences in yield strength for the as rolled condition was caused by additional strengthening mechanisms (see last column in Table 8 ). 2. The normalising treatment drastically reduced the additional strengthening contributions in steels NbTi-2 and NbTi-3, but not in steel Nb. 3. After normalising, additional strengthening contributions were similar for all three steels. As expected from previous studies [15, 16] , additional strengthening in the present case should have come from carbonitride particles nucleated in austenite, carbonitride particles formed by interphase precipitation, and from dislocations introduced by the → transformation [26] .
The microhardness measurements carried out on individual ferrite grains with the aim of determining the percentage of grains with and without interphase precipitation [26] show some aspects that should be emphasized, Figure 1. Two separate peaks appeared for both NbTi steels in the as coiled condition, with a very distinct peak separation in the case of steel NbTi-3, (about of 40 MPa). 2. For both NbTi steels, the second hardness peak disappeared after normalising, meaning that the regions of higher hardness lost their additional strengthening after spending 30 min at 900° C and being retransformed to ferrite at a lower cooling rate (in comparison with water spray cooling after rolling). 3. Ferrite grains in steel Nb did not show a second hardness peak in the as coiled condition, and their medium hardness values were not affected by normalising. 4. In case of the NbTi steels, normalising removed not only the second (higher) hardness peak but also reduced the level of the lower hardness peak.
As shown in [26] , these findings are consistent with different degrees of precipitation and dislocation strengthening in the as rolled condition, and with the effects of particle coarsening and dislocation removal due to normalising.
A detailed TEM investigation was carried out on steel NbTi-3 in order to evaluate the role of precipitation hardening in both as rolled and normalised conditions [26] . Confirming the results of our previous studies on commercial hot strip steels [9, 15, 16] , all fine carbonitride particles had either formed in austenite during rolling or on / phase boundaries during transformation. No additional carbonitride populations were found that could have formed in supersaturated ferrite, despite the unusually large microalloy addition of 0.04%Nb + 0.11%Ti. On the other hand, interphase carbonitrides were relatively large and observed frequently, indicating that a substantial fraction of the microalloy addition had remained in solution at the time of transformation. Furthermore, some form of austenite precipitation was encountered in all the ferrite grains that were investigated. Interphase precipitation was present in only some of the ferrite grains. Occasionally, grains were found to be covered completely by carbonitrides in a row formation. On other occasions, interphase precipitation would occupy only parts of a particular ferrite grain. The presence of interphase precipitation in only part of a given ferrite grain must therefore be accepted as a real phenomenon [26] .
During a TEM study of a large number of grains, of which more than a hundred exhibited interphase precipitation, it was found that random particle distributions were dominant only when thin foils had been prepared parallel to the rolling plane, while row formation was encountered very frequently in longitudinal and transverse sections. Such observations can only be explained by a preferred alignment of the interphase precipitation sheets parallel to the rolling plane.
As a result of this detailed analysis, interphase precipitation was identified in 27 out of a total of 51 ferrite grains that were investigated. Thus, about one half of the grains in steel NbTi-3 should have been strengthened by interphase precipitation [26] .
The effects of normalising on the mechanical properties as shown in Table 8 , suggest that important changes occurred during this heat treatment with respect to precipitation and/or dislocation hardening. The first important observation, therefore, was that many carbonitrides continued to decorate typical deformation subgrain structures. It can thus be concluded that the normalising treatment did not have a major effect on carbonitride distributions that had been formed in austenite, although the average particle size was increased. The second important observation was that row formation could no longer be detected after normalising. This means that extensive particle coarsening must have occurred during normalising, including the transfer of microalloy atoms from dissolving particles in one of the original interphase precipitation sheets to growing particles located in another sheet [26] . Another important result of normalising was the reduction in dislocation density.
Quantification of local strengthening contributions in the NbTi-3 steel showed two aspects that should be emphasised in those grains strengthened by both austenite and interphase precipitation, Table 9 . First, the total carbonitride volume fraction after normalising (13.0x10 -4 ) was not very far from the combined volume fraction of austenite +interphase precipitation after coiling (6.2 + 5.0=11.2x10 -4 ), confirming the previous interpretation that, after normalising should have included the coarsened interphase particles. Second, the total level of precipitation strengthening for the as rolled and coiled condition was calculated by using a new average particle size (5.2 nm) determined for both the austenite and interphase precipitate populations [26] . Table 9 . Substructural strengthening contributions in steel NbTi-3 [26] .
It can be seen from Table 9 , that the largest individual contribution was associated with the interphase precipitation mode, yielding average values of 112 MPa, against 92 MPa for carbonitride precipitation in austenite and 64 MPa for dislocation hardening. For the overall strength of the steel, it is claimed in [26] that the interphase precipitation should be less effective, because it occurs only in some fraction of the ferrite grains. In addition, moving dislocations do not distinguish between the origin of the carbonitride obstacles that have to be overcome by Orowan bowing. In the presence of other carbonitride particles nucleated in austenite, therefore, the total contribution of precipitation strengthening will not amount to 92+112=204 MPa but to only 145 MPa as shown in Table 9 . As a result, the local contribution of interphase precipitation to the strength of those particular ferrite grains (about 50% in steel NbTi-3) would only be 112(145/204)=79.5 MPa, against a local contribution of 92 (145/204)=65.5 MPa from austenite precipitation in the same ferrite grains [26] .
Accepting the idea that austenite precipitation during rolling and dislocation generation during transformation occurred throughout the material whereas interphase precipitation was present in only 50% of the ferrite grains, considering, in addition, that precipitation and dislocation hardening would act independently and adopting a simple rule of mixture for the effects of grains with and without interphase precipitation, the final contributions of the additional 'substructural' mechanisms to the yield strength of steel NbTi-3 may be written (see Table 9 ) as  y =0.5(92+64)+ 0.5(145+64)=182.5 MPa, in reasonable agreement with the additional strengthening of 210 MPa derived from tensile testing and the generally accepted structure-property relationship (Eq. (1)) [26] (see Table 8 ). Following the same lines of argument [26] , we would expect steel NbTi-3 to reach an additional 'substructural' strengthening contribution of  y= 92+64=156 MPa without interphase precipitation. The difference, of only 182.5-156=26.5 MPa, would indicate a rather modest contribution of the interphase precipitation mode to the strength of steel NbTi-3.
Microhardness measurements can be used in principle to detect additional strengthening mechanisms which operate in only part of the ferrite grains. In this sense, it is shown in [26] that for an estimated peak separation of 40 HV (Figure 4) , the additional strengthening mechanism in 53% of the ferrite grains would have contributed with an average of 99 MPa, a number that is not very far from the 79.5 MPa contribution of interphase precipitation strengthening derived from the TEM observations.
3.
New kinetic approaches applied to reactions during tempering in low-alloy steels 3.1 Isothermal tempering
Introduction
The precipitation reactions which occur on tempering of low-alloy steels may all be classified as nucleation and growth transformations [28] . Extensive studies have been carried out to understand and to model the mechanisms that take place during the tempering of steels. Although it is well accepted that models based on physical principles rather than empirical data fitting give a better understanding of the individual mechanisms which occur on tempering, these models do not contemplate the complexity with which the reactions proceed in each situation T-t. In this sense, many models do not consider the overlapping of precipitation processes of different chemical natures [29, 30] , and when they are taken into account, specific nucleation rates are assessed to fit the entire experimental data without considering the change that the nucleation rate could have during the progress of the reaction [31] . Another situation that commonly occurs when fitting the models, such as Johnson-Mehl-Avrami-Kolmogorov (JMAK)-like models, to the entire curve of the fraction transformed (ξ(t)) vs. lnt, is to discard the experimental uncertainties in the determination of the fraction transformed [31, 32] . Fitting such models to the entire experimental curve of the fraction transformed could therefore, in certain circumstances result in the prediction of unrealistic kinetic parameters [33] .
In other works some attempts have been made [34] [35] [36] [37] to deconvolute such experimental master curves into components due to individual processes, but it is difficult to see whether some of these fitting parameters have any physical meaning.
Recently, a general modular model for both isothermal and isochronal kinetics of phase transformations in solid state has been published [38, 39] . This model incorporates a choice of nucleation (nucleation of mixed nature) and growth mechanisms, as well as impingement. Also, the JMAK formulation has been deeply modified to suit isochronal case [40] [41] [42] , but these analytical approaches need of the nucleation protocols in order to provide a suitable description of phase transformation kinetics during both isothermal and isochronal heat treatments.
In the following, an overview is given about the kinetic theory of overlapping phase transformations (KTOPT) [43] which is based on the Avrami model. This new approach permits the determination of the kinetic parameters (n, k) for simultaneous diffusioncontrolled precipitation reactions based on the knowledge of a specific macroscopic parameter P(t), chosen to study the ongoing reaction. The present approach does not need to assume nucleation and growth protocols in its formulation to fit the experimental data. This new approach [43] has the particularity of calculating the kinetic parameters in defined work intervals of the fraction transformed curve rather than for the entire curve where the overlapping effect is present. Furthermore, these work intervals are distant from the boundary points ξ=0 and ξ=1in order to minimize the errors [44] .
Fundamentals of the kinetic theory of two overlapping processes
In the kinetic theory for two overlapping precipitation processes [43] (in isothermal regime), the real fraction transformed is defined in function of the macroscopic parameter P(t) as:
where t end1 is the time to complete of the first process. t end1 is chosen instead of t end2 because we thus take into account the effect of the first process during the time interval t < t end1 when there is appreciable influence of the second process on the experimental parameter.
It is considered that variations of P(t) associated with each process are independent:
then, the real fraction transformed is written as: 
The magnitude of  2 (t end1 ) measures the degree of overlap (large or small) of the processes.
Depending on the choice of P(t), the parameter  p may be either positive or negative. When the variation of this parameter, with time, for one of the precipitation processes increases while for the other it decreases  p <0 but when P(t) changes in the same sense,  p >0.
The experimental determination of  r (t) would be possible if we would be able to measure the parameter P(t) from the beginning of the phase transformations (in an isothermal regime). However, the sample takes a certain time to reach the temperature of the isothermal treatment. During this small time interval, the sample is already undergoing heat treatment, so the beginning of the transformations may be prior to that of temperature stabilization corresponding to the isothermal regime, and therefore; the real initiation of the precipitation processes is unknown.
Let us consider two processes that proceed in the same sense during the isothermal treatment ( p >0) [33] . Thus, it is necessary to begin the study not from the origin of the data obtained from the measuring equipment but from the moment of time when the isothermal regime is reached. If we take the length of the sample as the macroscopic parameter, then l'(0) will be the initial length of the sample (l'(0)= l(t 0 )) [43] . Thus, we may compute the fraction transformed by:
Since  r (t) cannot be obtained directly from experiment (we do not known the actual origin in time of the transformations), a relation between the fraction transformed '(t'), ( 
and a general expression correlating '(t') with the fractions transformed for the individual processes (obeying a JMAK expression) is obtained:
where
Our approach focusses on the behavior of the function Z(ξ) vs. ξ [33, 43] . This function is not symmetrical with reference to its maximum at ξ=0.632. It increases as ξ increase initially, but when ξ→1 it decreases very rapidly. By contrast Z(ξ) is nearly constant for values of ξ in the neighborhood of the point where this function is a maximum. In other words, we have an interval where ξ takes values (far from the boundary points ξ=0 and ξ=1) for which Z(ξ) depends weakly on ξ. If we allow time intervals where ξ 1 (t) and ξ 2 (t) lie far enough from the boundary points ξ=0 and ξ=1, then we may consider that Z(ξ 1 ) and Z(ξ 2 ) are nearly constants.
In order to develop the equations for calculating the kinetic parameters for both processes, it should be kept in mind that l >0, (processes that progress in the same sense). Thus, considering the definition of the fraction transformed, Eq.(9), the ξ'(t')>1 for t′>t′ end1 . For the time interval (t′>t′ end1 ), the second process (obeying a JMAK-type relation) develops alone, and therefore; the fraction transformed ξ' (t') should be normalized as:
where at t'=t' end1 the '(t' end1 )=''(t' end1 )=1 and for t'=t' end2 , ''(t' end2 )=0.
According to reasoning followed in [33] , for times t' end1 <t'<t' end2 , the second process develops alone in this time interval, therefore ξ 2 '(t') increases while ξ''(t') decreases (for the case where l >0 
or:
In the above time interval, the experimental fraction transformed ''(t') follows a nearly By considering the kinetics of a second process (t'>t'end1) one may obtain 2'(t') (or 2(t)) and the corresponding parameters n 2 and k 2 . In this sense Eqs. (7), (10) and Eq. (15) are considered, thus it is obtained:
as for t'=t' end2 , the  2 '(t' end2 )=1, and taking into account the Eq. (13) we obtain:
For computing the kinetics of a first process ( 1 '(t')) at 0<t'<t' end1 , Eqs. (16) and (10) are considered, thus the following expression results:
We consider two situations of overlapping for the processes [33, 43] .
Small overlap
A second process occurs, but it manifests itself only weakly during the interval t 0 <t<t end1 (0<t'<t' end1 ); i.e.,  2 (t end1 ) is small so, the second process disturbs the first one. In this case [43] :
where it is assumed that  2 (t end1 )- 2 (t) 0.
Large overlap
In this case a second process is manifested strongly during the time when the first one is occurring (t 0 <t<t end1 ). As already remarked, it is necessary to pick a time interval such that  2 '(t') >0.25, i.e., Z( 2 ') is nearly constant and, consequently,  1 '(t') and '(t') are below 0.9.
Therefore for times far from the boundary points '=0 and '=1, the (
and according to Eqs. (15) and (20); Eq. (18) reduces to:
It is established in [43] that for a time interval t'>t' end1 the '' follows a nearly JMAK behaviour such that N and n 2 must be correlated as: N =-n 2 .
Determination of the kinetic parameters from isothermal dilatometry curves by the use of the KTOPT
In order to exemplify the use of this approach, isothermal dilatometry data corresponding to the tempering treatment of a low-alloy steel were used. The chemical composition of the selected low-alloy steel is: 0.32% C, 1.12% Mn, 0.67% Si, 0.07% Ni, 0.02% P, 0.05% S and the rest of Fe.
Samples of the studied steel, with diameter of 9 mm and 10 cm in length (L 0 ), were austenitized in a vacuum furnace at 900°C for 30 minutes. After this, the samples were quenched in water at ambient temperature. The quenched samples were tempered isothermally at 350°C in a dilatometer manufactured at Havana University, Cuba, with an accuracy of 10 -3 mm in length. The isothermal dilatometry data (ΔL/L 0 ) versus time are shown in Figure 5 . In this figure the best work interval corresponding to each process (I and II) are shown by applying the KTOPT.
Fig. 5. Isothermal dilatometry data (experimental). shows the best work interval for both processes on
The procedure for computing the kinetic parameters of the second process ( l >0) begins by calculating the fraction transformed values ξ''(t') through Eq.(13) from the dilatometry results. After this, the best time interval, far from the boundary points t' end1 and t' end2 , is selected by the best linear fitting values for 1 ln ln 1' '   vs. lnt' for this second process. Thus, the N value is calculated as the slope of the previous linear fitting. Then, knowing the N , ξ''(t' end2 ) and ξ'(t') (or ξ''(t')) values for this best time interval, the fraction transformed values ξ' 2 (t') are calculated by an iterative procedure using Eq. (17) until a desired accuracy is reached: ( N =-n 2 ). In this procedure the first n 2 value is arbitrary.
In order to evaluate the kind of processes overlap, ξ' 2 (t') is determined for longer times (t' g ) within of the work interval where the kinetic parameters are calculated for the first process. Thus, ξ' 2 (t' g ) is calculated to be approximately: 0.35, which can be considered as a small perturbation to the first process by the second. In this manner, the kinetic parameters of the first process are obtained initially, by selecting the best linear fitting of the lnln(1/1-ξ'(t')) versus lnt', far from the points t'=0 and t' end1. Then, the n value obtained from the slope of the above best linear fit, and Eq.(19)(small overlap) are used to generate the ξ' 1 (t') for this time interval using as iterative procedure, as already used in calculating the kinetic parameters for the second process. In this procedure the first n 1 value is arbitrary. The kinetic parameters corresponding to both processes by applying the KTOPT, are listed in Tables 10-a and 10-b.
Best interval in '(t') 2.864≤ '(t')≤3.963
Work interval in ' 2 (t') from the final Table 10 .a Kinetic parameters for the second precipitation process according to the KTOPT, [33] .
Best interval in '(t') 0.5050≤ '(t')≤0.7625
Work interval ' 1 (t') from the final iteration 0.5310≤ ' 1 (t') ≤0.7750
Correlation coefficient R for n 0.993
Correlation coefficient R for n 1 0.992
1.2*10 -4 Table 10 .b Kinetic parameters for the first precipitation process according to the KTOPT, [33] .
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Uncertainty in the Avrami-exponent
In order to estimate the error-prone Avrami-exponent (n'), the uncertainty in the fraction transformed '(t') for both work interval is determined according to the procedure described in [44] , where:
n'=nn with n=
Let us define the parameters:
The uncertainty '(t') is obtained by the propagation of the uncertainty corresponding to the length changes measured directly from the dilatometry curve (l'=10 -3 mm). Then:
For the best work interval corresponding to the second process, the selected parameters for calculating the error-prone Avrami-exponent (n' 2 ) are: y'=5.815*10 -4 , y' 1 =2.2*10 -4 and y' 0 =0.98*10 -4 ; then '=0.8. As l >0, the uncertainty n 2 for the boundary values of the fraction transformed ' 2 (t') in the above selected work interval is: n 2 =-0.02 for ' 2 =0.5976 and n 2 =0.18 for ' 2 =0.801 [33] . In this manner, the Avrami-exponent n 2 with its error bounds can be written as: 0.65<0.67<0.69 or n' 2 =0.670.02.
In order to calculate the Avrami-exponent corresponding to the first process, a similar procedure to the second one is applied. The same parameters y' 1 and y' 2 are selected, but the y' parameter is now 1.91*10 -4 as the extreme value of the fraction transformed '(t') for the best time interval corresponding to the first process from the dilatometry curve.
The uncertainty '(t') according to Eq. (23) for the first process is '(t')0.28 and assuming a small overlap situation, ' 1 =(n 1 /n)'0.2. The uncertainty in the Avrami exponent n 1 resulted to be: n 1 =-0.2 for ' 1 (t')=0.531 and n 1 =0.4 for ' 1 (t')=0.775. The Avrami-exponent for this first process, n 1 with its smallest error bounds, can be written as: 1.29<1.49<1.69 or n' 1 =1.50.2.
Precipitation processes on tempering
The results obtained by the proposed approach (n 1 =1.5) show that the first process identified in the dilatometry curve (by an initial contraction of length) corresponds to a diffusioncontrolled precipitation process during which small particles grow with zero nucleation rate (n 1 =1.5) [31, 45] . This first stage of tempering is recognized in the literature as the decomposition of martensite into transition carbide ( or -carbides) and a less tetragonal martensite [46] . The precipitation of the transition carbide could have occurred in very early stages of tempering or during quenching for this alloy; the Ms temperature is about 365°C [47] . This transition carbide is frequently observed to nucleate uniformly throughout the martensite matrix and some studies [48, 49] have indicated that the nucleation may be influenced by the modulated structure formed by spinodal decomposition that occurs before the first stage. It is also reported in other works [50] , that the initial formation of the first transition carbide is due to a shear of the martensite structure which would involve neither carbon diffusion nor a significant initial fall in hardness. According to the literature [46, 48, 51] , there is no evidence that the nucleation of the transition carbide ( or carbide) could be related to the dislocations in the martensite.
The second process identified in the dilatometry curve by a second contraction in length, corresponds to the disappearance of the transition carbide and the formation of stable cementite. Many articles [52, 53] report that cementite nucleates on dislocations, inter-lath and grain boundaries. In this sense, an Avrami-exponent n 2 =0.67 is in agreement with a mechanism that involved precipitation on dislocations and diffusion-controlled growth (n=0.66) [45] .
Non-isothermal tempering
Introduction
In the past, a number of methods have been proposed to describe the progress of a reaction in solid systems from non-isothermal experiments. Although non-isothermal experiments can use any arbitrary thermal history, the most usual in thermal analysis is to employ a constant heating rate, ( = dT/dt =const).
In order to study the kinetics of the phase transformations performed at constant heating rates ( ), a wide range of methods has been established for deriving the kinetic parameters of the reactions obeying equations:
and
where g() is a specific function of the fraction transformed, K(T) is the rate constant of the reaction mechanism and E, K 0 and R are the activation energy of the reaction mechanism, the frequency factor and the gas constant respectively [54] . Thus, without recourse to any kinetic model, values for effective activation energy can be obtained upon isochronal experiments from the temperatures T  needed to attain a certain fixed value of  (temperatures corresponding to the same degree of transformation), as measured for different heating rates ( ) [55] . The procedures that use the above temperatures T  for calculating the effective activation energy are known as Kissinger-like methods [54, 55] , and these rely on approximating the so-called temperature integral [55] [56] [57] [58] . Another set of methods does not use any mathematical approximation for calculating the temperature integral, but instead require determinations of the reaction rates at a stage with the same degree of transformation (it corresponds to an equivalent stage of the reaction) for various heating rates. These procedures are known as the Friedman-like methods [59] .
As the determination of g(), E and K 0 (the so-called kinetic triplet) is an interlinked problem in non-isothermal experiments [54, 60] , a deviation in the determination of any of the three will cause a deviation in the other parameters of the triplet. Thus, it is important to start the analysis of a non-isothermal experiment by determining one element of the triplet with high accuracy. In this sense, it is usual to calculate the effective activation energy (E) by a Kissinger-like method for nucleation and growth reactions [55, 61, 62] . This is because the T  constitutes a parameter that can be determined with high accuracy in some non-isothermal experiments, such as in non-isothermal dilatometry curves. For nucleation and growth reactions, in general, the effective activation energy is a function of both transformation time and temperature (E does not have to be constant even with constant nucleation and growth mechanisms). Because of this, the above lineal approximation of the Kissinger-like plot will be strictly valid only if the effective activation energy is constant during the entire transformation [62] . This condition is initially ignored in most papers. Thus, this research has been devised to explore the possibilities that combination of the different nonisothermal analysis methods has to obtain the kinetic parameters of the tempering reactions in low-alloy steels using non-isothermal dilatometric data [63] .
Non-isothermal dilatometric analysis: Theoretical background and experimental procedure
The precipitation reactions in isothermal conditions are generally described by the JMAKlike relation [64] [65] [66] :
where n is known as the Avrami exponent and t is the time.
In order to maintain the JMAK description under non-isothermal conditions, the formalism of Eq. (26) is accepted for an infinitesimal lapse of time [61, 67] :
Integration of Eq.(27), resulted in: ()2 p dp dp dT dT QT p p
If both residuals are neglected in Eq. (29) (see appendix in [63] ), the data points in a plot of the ln /T i 2 versus 1/T i (Kissiger-like plot) are approximated by a straight line, from the slope of which a value for the effective activation energy, E, is obtained. We settle that with the definition of the state variable (c.f. ref. 55 and 62) , the adoption of a specific model of reaction is not a necessary condition to obtain the effective activation energy from the slope of a Kissinger-like plot.
An analytical solution of the JMAK rate equation for the general non-isothermal case at constant heating rate, assuming that the nucleation (N) and growth (G) rates have an Arrhenian dependence of temperature has been published [68] :
where it is considered that the transformation rate is negligible at the initial temperature of the experiment.
In this expression, P(E/RT) is the exponential integral, and C a constant that depends on n, E N and E G (activation energies for nucleation and growth mechanisms). The constant C reduces to unity in particular situations when the nucleation is completed prior to crystal growth (site saturation situation) or in the isokinetic situation where E N =E G [68] .
In order to obtain a suitable Kissinger-like plot (ln[ /T p 2 ] versus 1/T p ), the authors [68] , without recourse to any kinetic model, obtained the relation:
As a JMAK kinetic model is assumed, then:
It has been demonstrated that in the peak temperature,  P =0.632 and therefore g'( Tp )=-1, [68] . Eq. (33) can be now applied to the non-isothermal dilatometry data at temperatures T i , corresponding to the inflection points for different constant heating rates (the temperatures T i belong with very good approximation to an equivalent stage of the reaction [55] ,  Ti =0.632).
Then, as it can be seen, Eq.(33) coincides with Eq.(29) in the isokinetic case (E N =E G ) , or in the site saturation situation (C=1), if both residuals in Eq. (29) are neglected.
In order to calculate the parameters K 0 and C a non linear regression analysis is performed using Eq. (33) where T p has been changed by T i and g'( Ti )=-1 at the inflection points. Consequently, it is possible to obtain a transcendent equation to find n through the second derivative of Eq.(32):
An alternative method to estimate the effective activation energy and other kinetic parameters directly from the non-isothermal dilatometry curves is presented in [69] . Furthermore, this procedure allows analyzing if the effective activation energy, obtained by the above Kissinger-like plot, is constant during the entire transformation. For this, the fraction untransformed (1-), according to
with p=Δl/l (relative change of length), is defined as:
where (Δl(T) /l) 0 and (Δl(T) /l) end are the relative length increments of the start and end stages, at temperature T. The (Δl(T) /l) T is the relative length increment on dilatometric curve at temperature T, as it is depicted in Figure 6 . According to this definition (1-)=1 and =0 at the start temperature of the transformation T=T s .
This procedure was applied to nucleation and growth reactions (tempering reactions in steels) using an expression oversimplified for g()= 0 n (1-)
 [69] . This way, the analysis is based on the assumption of homogeneous reactions with a reaction rate: 
where the order of the tempering reaction under consideration is n 0 .
Differentiation of Eq. (37) 
(1 )
The other kinetic parameters can be calculated through the equations:
and:
Although the above simplification could be questioned, this approximation may be used to investigate the variation of the effective activation energy under different experimental conditions [70] . In order to solve this difficulty it is assumed that the tempering reactions obey a JMAK kinetic model. Therefore, if the above formalism for homogeneous transformations is settled; then, a relationship between the Avrami exponent n and the kinetic order of the reaction n 0 can be obtained as a function of the fraction untransformed (1-). Thus, the transformation rate for a reaction that obeys a JMAK relation is:
From the Eqs. (37) and (41), the expression that related n, n 0 and (1-) resulted to be:
As it is shown in Figure 7 , the behavior of the n 0 function depends weakly on (1-) far from the boundary point (1-)=1. As a consequence, n 0 can be considered as a constant during the development of the reaction for stages where the fraction transformed is greater than 0.4. Also, the n 0 values are lower the greater the Avrami exponent, and when the Avrami exponent takes the value n=1, the reaction is the first order (n 0 =1). Evaluation of n 0 from the different nucleation and growth protocols, given by the n values, makes possible to use the procedure established in [69] to nucleation and growth reactions and therefore to determine if E is constant during the entire transformation. For this, the fraction untransformed values calculated from Eq. (40) (where it is used the E value determined by a Kissinger-like plot) for the entire reaction are compared with the experimental fraction untransformed data obtained from the dilatometric curve. The Friedman-like methods conceived to be used in processing of non-isothermal calorimetric data do not require any mathematical approximation to solve the temperature or exponential integral [54, 59] . This procedure allows obtaining the activation energy of a reaction knowing the reaction rates at a stage with the same degree of transformation for various heating rates. According to the knowledge of the present authors [63] , the Friedman-like methods have not been very much used with non-isothermal dilatometry data.
In fact, if d/dt at temperatures corresponding to the inflection points (Ti) is known then, substituting the K(T) expression into dξ/dt equation ( = dT/dt); the following equation results after applying logarithms to both terms:
As in the dilatometry record one has that ()
, where l is the initial length of the sample and l t is the length at any instant, then: 
According to Eq.(45) it is possible to calculate the effective activation energy E, (but not the frequency factor, K 0 ).
Commercial plain carbon steel having a carbon content of approximately 0.5 wt. % was used for the tempering analysis. The chemical composition of the (AISI 1050) steel is: 0.48-0.55% C, 0.6-0.9% Mn, 0.04% P, 0.05% S and the rest of Fe. To obtain the non-isothermal dilatometry records at constant heating rates on the tempering treatment (from ambient temperature up to 600 °C), a dilatometer Adamel-Lhomargy (model DT 1000, NY, USA) was used. The relative length changes in the specimen (with an accuracy of 10 -4 ) against temperature were obtained while the specimen is heated at a constant rate. The constant heating rates were 5, 10, 15, 20 and 30 K/min respectively. Table11 and Figure 8 show the temperatures corresponding to the inflection points from the dilatometric curves with different heating rates for both processes. By lineal (see Table 12 ) and non-lineal regression analyses using Eq. (29) (neglecting the residues as it is outlined in [63] ), the best E and K 0 parameters were calculated for the two identified processes on tempering in the non-isothermal dilatometry records. Table 12 . Best parameters E and K 0 calculated by linear and non-lineal regression analyses respectively for the two processes on tempering using Eq. (29) where both residuals have been ignored, [63] .
Although one has the possibility, with this procedure (Eqs. (29) (30) (31) ), to obtain a relationship for calculating the Avrami exponent (n) of the reaction, we think that the n values are not very reliable due to the many approximations used to obtain the residues. For this reason, the use of the transcendent equation, Eq. (35), is very much reliable to calculate n, given by much less approximations in their determination. In this sense, as a first step, the K 0 and C parameters are calculated according to a procedure detailed in [63] . The uncertainty showed in each Avrami exponent value ( n) ( Table 13 ) was calculated by the propagation of the uncertainty [44] in temperature ( T=0.1°C) and in the activation energy (E=0.5 KJ/mol calculated by non-linear regression analysis of Eq. (33)) from the transcendent equation F(n, T, E)=0, [63] .
After this, it is concluded that the first process on tempering considered by us corresponds to a reaction with n 0 =1 according to the formalism showed in [69] . On the contrary, the second process (third stage of tempering) that in the literature is identified as the cementite precipitation, the n 0 parameter has a value close to 1.4 (n=0.66) according to Eq.(42).
Taking the above n 0 values for the first and second processes respectively, the new E values at temperatures of the inflection points can be determined by Eq. (38) . As can be seen in Tables 14 and 15 Table 15 . Activation energies (E) and the frequency factors (K 0 ) for the second process on tempering using Eq. (38) and (39), [63] .
According to Eq. (40), the fraction untransformed values are calculated for the entire range of temperatures using the determined E, K 0 and n 0 values. Only for the above n 0 values, the calculated effective activation energy is constant for the entire reaction, Figure 9 . Other nucleation and growth protocols, that generate another n 0 values, cause appreciable deviations among the experimental and calculated fraction untransformed values for the range of temperatures where the reactions are developed. The d/dT( l/l) data used in the determination of the effective activation energy by a Friedman-like procedure is shown in [63] . By linear fitting of Eq.(45), the effective activation energy was for both processes: E=127.5 KJ/mol; E=32.7 KJ/mol (first process) and E=202.9 KJ/mol; E=40 KJ/mol (second process), very close to those determined by a Kissinger-like method.
Precipitation processes on tempering
Considering the chemical composition of steel and the results obtained by the analysis of the dilatometry records, it is assumed that the new nuclei corresponding to the first stage of tempering could have been formed during the quench. This is because in the studied steel, the Ms temperature (martensite start temperature) is closed to 300°C according to the M s relation for 0.5 wt % C and 0.8 wt % Mn [71] , and by the greater mobility of the carbon atoms through the dislocations inherited from the martensite structure [72] .
In the temperature range of approximately 100°-200° C (see Figure 8 ) for the first processes at the non-isothermal dilatometric registers, the transition carbide (epsilon carbide) nuclei that have been formed on quenching are growing. The growth of the transition carbide produces a lost of tetragonality of the martensite matrix by the exit of the interstitial carbon in solution. The above is in agreement with the situation where existing nuclei in form of needles or plates are developed by controlled diffusion growth corresponding to the Avrami exponent close to one (n=1) [45] as it is shown in Table 13 for this first process on tempering.
As it can be appreciated in processes (I and II) on tempering, the nucleation and growth mechanisms are quite separated (site saturation situation); since, the coefficient C in Eq. (33) resulted to be C=1 by the non-linear regression analysis above discussed.
The effective activation energy found for the first process from the non-isothermal dilatometry records using the most accepted isoconversion methods was among 117~128 KJ/mol. These values are in agreement with the one reported by [67, 73] for diffusion of the iron atoms along dislocations that are generated by the incoherency between the transition carbide and the matrix. Therefore, it will be the diffusion of the iron atoms and not the carbon atoms diffusion that control the reaction during this first process on tempering. In Figure 9 , the curve (I) shows that the fraction untransformed values calculated by the use of Eq. (40) during the ongoing reaction are in agreement with the fraction untransformed values determined from the dilatometric record for the same interval of the transformation temperatures (experimental curve in Figure 9 ). Thus, the effective activation energy obtained as the slope of a Kissinger-like plot is not only valid for the temperature corresponding to the inflection point, but for the whole interval of temperatures where this reaction occur. For this reason, we assume that E=E G is constant for this first precipitation process on tempering.
For temperatures from 170° to 300°C, when the transformation (I) concludes, it is well established that the retained austenite ( r ), with approximately 4 % in volume, transforms into cementite ( ) and bainitic ferrite ( ) [74] . This process should increase the volume of the sample; however, as the amount of the retained austenite is small, the respective change in the volume of the sample is difficult to appreciate in the dilatometry curves.
In the temperature range (~300° to 350°C), process (II) (Figure 8 ), the transition carbide is dissolved to form cementite. This process should originate a contraction of volume that it is appreciated in the dilatometric curve. While the cementite particle grows, the transition carbide particles should disappear gradually, due to the iron atoms diffusion along dislocations to form the cementite. The decomposition processes of retained austenite and the transition carbide are generally overlapped, but as the amount of retained austenite is very small, it is assumed that the reduction of volume during the second process is due, practically, to the nucleation and growth of the cementite on dislocations near of the transition carbide. The above is supported by the fact that the Avrami exponent is close to 0.66 for this second process (third stage of tempering) (see Table 13 ). This value is in correspondence with the protocol where the nuclei (cementite) are formed at dislocations and the growth is controlled by diffusion of the iron atoms [45] . This last statement is argued by the value of the effective activation energy calculated for this second process, which resulted to be close to 200 KJ/mol. This intermediate value of the activation energy between 134 and 251 is in correspondence with the combination of the pipe diffusion of the iron atoms, [67, 73] and of the volume diffusion of the iron atoms in ferrite [67, 75] . This could suggest a new distribution of the iron atoms to form the cementite by dissolution of the transition carbide.
As it can be seen for this second process, according to the calculated kinetic parameters (n 0 and K 0 ), the effective activation energy is constant during the entire transformation as it is shown in Figure 9 , curve II.
